In this work, we show how the presence of microstructural banding and segregation affects the work-hardening behaviour of a dual phase steel with improved formability. This steel contains chemical segregation inherited from the casting process. Our previously developed 3D cellular automaton model allowed us to design thermo-mechanical processes to either promote or suppress banding. The bands are properly described as in-plane sheets of martensite grains.
Introduction
Dual phase steels with improved formability (DH) [1] are of growing importance in the automotive industry, due to demands for steels with ever increasing strength levels without compromising sufficient formability for making complex parts with residual ductility for crash applications. The DH class delivers improved formability over conventional dual phase (DP) steel of the same strength level through the mechanically induced transformation of austenite to martensite (TRIP effect). This requires austenite to be present in its metastable state at room temperature, so that it progressively transforms into martensite upon mechanical deformation.
Austenite volume fractions > 10vol.% can be achieved mainly through the significant carbon enrichment of this phase during material processing. Alloying elements such as silicon and aluminium are added to the steel to delay carbide formation during processing which could otherwise interfere with the carbon enrichment of austenite. Aluminium is becoming increasingly more popular as (partial) replacement for Si in coated steels as it leads to improved coatability [2] and surface finish after hot-rolling and coating [3, 4] .
In our previous work we demonstrated that micro-segregation patterns of alloying elements present after casting in a high-strength DH steel are retained in the microstructure throughout thermo-mechanical processing, leading to martensite-rich banding in the final microstructure [5] . Aluminium was shown to have a hitherto overlooked role in the segregation of alloying elements during casting, and the single largest influence on the phase transformations occurring during processing that lead to banding in this steel. It is generally accepted that the presence of continuous bands leads to premature failure. In his in situ DIC study of DP steels, Tasan et al. [6] demonstrates that in microstructures where there is a continuous microstructural band, shear bands are forced to develop through the band thereby forcing the banded phase to deform beyond its plastic limit. This is especially true if there is a significant difference in the ultimate strains of the phases composing the banded microstructure. Mazinani and Poole showed that the strength of the banded phase also plays an important role [7] and they demonstrated that the nucleation of micro-voids is reduced when the martensite co-deforms with the ferrite matrix. For discontinuous microstructural bands, shear bands naturally cross at the gaps within the band, thereby delaying early damage initiation. Ghadbeigi et al. further observed that the higher the strength of the banded phase, the more strain localisation in the ferrite, causing damage accumulation. The high local strains induced between continuous bands would therefore be more likely to cause damage in the case of high fracture strength martensite [8] .
Despite the advances in in situ experimental techniques leading to these discoveries, the influence of banding on the work hardening and fracture behaviour of austenite-containing steels remains less well understood due to the difficulties of resolving this phase using light microscopy, scanning electron microscopy (SEM) and electron backscatter diffraction (EBSD) [9] . Finite element analysis carried out by Shi et al [10] indicated that a random distribution of the austenite phase leads to a higher tensile strength than when located predominantly within the bands. They coupled the strength increase to a lack of localised slip bands in the ferrite matrix in the uniformly dispersed sample. In steels with austenite-enriched bands, confinement of ferrite between connected austenite grains led to increased formation of slip bands within the ferrite matrix, effectively reducing the overall strength of the material. Recently we demonstrated how the mechanically induced austenite transformation contributes to the workhardening in non-banded DH steels. We proposed a physically-based model based on an extended Kocks-Mecking analysis, coupled with in situ high-energy X-ray diffraction data collected upon straining, to describe the effect of the mechanically-induced austenite transformation on the work-hardening behaviour in a non-banded DH steel [11] . In this work, we assessed the effect of banding on the work-hardening behaviour in DH steels, by applying an equivalent physically-based model analysis of the work-hardening behaviour on banded and non-banded microstructures of the same DH steel grade. Those microstructures were produced industrially following predictions from a 3D cellular automaton (CA) model [12] [13] [14] .
Experimental

Material processing
The steel under investigation is a high-strength dual phase steel with improved formability, termed DH800, produced via continuous casting followed by hot-rolling (HR), cold-rolling (CR) and continuous annealing. The chemical composition of this steel is given in Table 1 , together with the segregation coefficient of the relevant elements [5] . Samples from industrial production material were taken after casting (AC) and further processed in the laboratory for this work. Two slab samples, with dimensions of 135 × 75 × 225 mm 3 , were cut from the middle of consecutive slabs produced in an industrial continuous casting line. These samples were further sectioned into three equal sized blocks of 75 mm in height. The blocks from the middle of the original feedstock were designated S (segregated), since this is the most common section for the appearance of both chemical macro-and microsegregation due to (a) the increased dendrite arm spacing as a result of slower cooling rates and (b) the solute enrichment of the final solidification zone [15] . The blocks taken from the top of the feedstock were designated NS (non-segregated), although the 'S-NS' designation refers to the centre-line (macro) segregation. [12, 13] .
The blocks were subsequently hot-and cold-rolled, followed by a continuous annealing designed specifically to either promote or suppress the occurrence of banding in the microstructure, generating B (banded) and NB (non-banded) structures respectively [5] . The annealing process was simulated using a 3D cellular automaton model [12] . The chemical segregation resulting from casting was modelled by combining a sine wave function for the spatial distribution and an analytical function of the effect of chemical concentration on the phase transformation temperature [16] . The resulting function for the concentration profile used in the computer simulations is shown in Fig. 1a . This profile is only a function of the y position of a cell, which means that the element concentration is assumed to be constant in the x and z directions. This concentration profile was input into the CA model [12] , see Fig. 1b , and the selected cooling trajectories from the temperature of 850C used in the final thickness reduction step during hot rolling are shown in Fig. 1c .
The simulated annealing cycle after hot and cold rolling consisted of heating the deformed microstructure at 5 °C/s to 800 °C, holding for 60 s at this temperature and then cooling down to 650 °C at 1 °C/s, as shown in Fig. 1d . In the industrial annealing cycle, the material is subsequently quenched to room temperature. During quenching martensite formation takes place, which is not accounted for in the model. Since a low heating rate up to the annealing temperature can effectively remove the banding suppression achieved before in the hot-strip mill [17] , experimental annealing cycles were adapted to mirror the cooling rate in the hot-rolling process.
One block of each type (NS, S) was used for each of the processing conditions (NB, B), yielding four basic microstructural variants. The main annealing parameters for each variant are given in Table 2 , whereas the annealing cycles for both experiment and simulation are shown graphically in Fig. 1d . The finishing rolling temperature (FRT) was chosen to ensure deformation in the austenite region. The samples were then cooled at different cooling rates (φ) through the austenite to ferrite transformation to the intermediate temperature at which the industrial strip steel is coiled, namely coiling temperature (CT). After cold-rolling to 1mm, the samples were heated at different heating rates (HR) to 820 C, subsequently quenched using helium to the isothermal bainite holding temperature of 425 °C, and held for 60s prior, and finally quenched to room temperature. The two non-banded steels, namely S-NB and NS-NB, were generated using a high heating rate; the other two (banded) samples S-B and NS-B corresponded to the lower heating rate used in the CA model.
Structural characterization
Samples were taken adjacent to the top and middle blocks of the original as-cast feedstock to determine the degree of chemical segregation after casting. Optical microscopy was carried out on samples from each process variant, in the as hot-rolled (HR), cold-rolled (CR), and cold-rolled & annealed condition (CRA). In the HR microstructure Nital was used to etch the pearlite phase, which consequently appears dark in the micrographs. In the CRA microstructure 10% sodium metabisulphite was used to etch the combined martensite (') + austenite () phase, leaving ferrite lightly etched. The ferrite grain size could thus be measured according to ASTM E112 [18] using Leica QWIN image analysis software with a pixel size of 0.11µm. For the banding analysis, the CRA microstructure was etched with LePera reagent, as this provides a better contrast between the ferrite matrix and the combined '+ second phase.
In that case, the matrix is etched (blue) and the second phase is left unetched. Image analysis of the unetched phase therefore results in the combined second phase fraction, fα'+γ. In the CA model structures the matrix phase (ferrite) is coloured blue and the second, carbon-rich, phase is coloured orange. This means that the orange phase in the simulated structures represents pearlite in the HR condition, and martensite + austenite in the CRA condition. The volume fraction of retained austenite fγ was measured by X-ray diffraction (XRD) using a fully automated Panalytical Xpert PRO diffractometer. The XRD patterns were recorded in the 2θ-range from 38 to 165 ° in reflection mode using Co-Kα radiation ( = 1.79 Å). The Rietveld analysis of the XRD patterns was carried out using the Bruker TOPAS software package.
The ASTM E1268-99 standard [19] describes the anisotropy index (AI) method to determine the degree of banding in metallic microstructures. This index is determined by the ratio of the average number of interceptions per unit length of test lines perpendicular  L N and parallel // L N to the deformation direction with the investigated (banded) phase:
Although this metric can distinguish banded and non-banded structures, it cannot adequately discriminate between strongly and weakly banded structures [20] . An alternative approach is based on the measurement of the bi-directional (horizontal and vertical) evolution of the fraction of matrix phase (in this case ferrite) when it is progressively eroded in the two perpendicular directions by a linear increment [9] . The image is converted into a black and white pixel image, and the dark portion is progressive eroded by the linear increment until it has completely decayed to white. In a banded structure, the percentage decay is much more rapid when eroding perpendicular to the rolling direction (V) than parallel to it (H). By defining a characteristic decay distance, de [H,V] , as the one at which the measured fraction of ferrite is equal to 1/e of its initial value, it is then possible to define an "erosion-based" anisotropy index as being the ratio of the decay distances in both directions:
The first step in this method is the detection of the phase of interest. This means that for the hot-rolled material the pearlite bands (Nital etching) and for the cold rolled material the martensite-containing bands (10% sodium metabisulphite etching) are detected as the dark phase. No image processing steps were performed on the grey scale input images, these were converted as-is to black and white. The obtained binary image of the detected phase serves as input for the subsequent quantitative image analysis steps. In all cases, a horizontal closure step was applied to the initial binary image to suppress the influence of discontinuous bands. The band continuity could potentially be quantified by varying the number of closures steps [21] , but that falls out of the scope of this study.
After phase identification, the area fractions are determined of the binary image after progressive erosion in the vertical (de V ) and horizontal (de H ) directions resulting in two area fraction decay curves. This is illustrated in Fig. 2a by the curves with closed (V) and open (H) circles. By subtracting the vertical decay curve from the horizontal decay curve, a difference curve is obtained (solid blue line in Fig. 2a ) from which several characteristic values can be extracted. The peak maximum of the difference curve is of itself a measure for the thickness of the bands: the thicker the bands, the larger shift of the maximum to higher erosion values. The position of the peak is also used in defining an objective "erosion-based" anisotropy index, which corresponds to the ratio of horizontal to vertical decay at the peak position. The area under the difference curve (red solid line in Fig. 2a ) is a measure for the amount of bands: for strongly banded structures the integrated area curve follows the area detected prior to the erosion steps, however for non-banded structures there will be a big difference between the area detected prior to the erosion steps and the area under the difference curve. To compensate for the grain refinement resulting from cold-rolling, when going from the hot rolled to cold rolled end microstructure, the image of the cold rolled material was taken at 500x whereas the hot rolled product was taken at 200x. Given that this is not exactly equivalent to the actual coldrolling reduction applied (70%), the peak maximum is normalised into µm for ease of comparison. 
Mechanical testing
Samples were taken from the mid-section of each structural variant and machined into identical tensile specimens with a 50 mm gauge length per EN ISO 6892-1 [19] . The specimens were strained to failure at room temperature using an Instron 100 kN tensile tester, with the rolling direction parallel to the tensile direction. The strain rate in the gauge length was kept constant at 5 × 10 -3 s -1 throughout the test; strain and strain rate were measured and controlled using a clip-on strain gauge.
Results
3.1.Microstructure evolution through processing
In our previous work, we showed the presence of significant banding which was inherited from the cast structure. The counter segregation of Al on one hand and Mn and Si on the other tends to promote banding, especially at the centre-line where the macroscopic segregation is the most exaggerated. Segregation factors for the major alloying elements in this steel were calculated as the ratio of the composition of each element at the centre-line to the bulk composition, see Table 1 . Banding in this steel appears as continuous strings of martensite grains aligned parallel to the rolling direction. Since the segregation in bands has been shown to be directly inherited from the as cast structure [5] , the segregation factors derived are the inverse of the Scheil partitioning coefficient: the values in the table are, thus, in good agreement with other published values of the partitioning coefficient [23, 24] .
The microstructures in the as-hot rolled condition are shown in Fig. 3 , along with the simulated microstructure from the CA model, which shows reasonable agreement with the actual microstructures achieved. This is also reflected in the anisotropy index analysis shown in Fig. 2b , whereby the non-banded microstructures have a low anisotropy and a relatively lower peak position than the banded samples for both the real and simulated microstructures. 
3.2.Characterization of microstructural variants
The volume fraction of the combined second phase (including austenite and bainite) in each variant was measured using light optical microscopy (LOM) combined with image analysis, see Table 3 . It is not possible to separate austenite and martensite using this technique due to the similarity in colour after etching. For this reason, the retained austenite fraction is determined using XRD, and both its volume fraction and lattice parameter are also given in the table. The martensite fraction is calculated by subtracting the amount of retained austenite, measured by XRD, from the total amount of second phase obtained using light optical microscopy. The carbon content in austenite (XCγ) was derived by subtracting the amount of carbon in the martensite (XCα') from the total carbon in the material (XCtotal):
Due to the presence of significant quantities of carbide-suppressing elements such as Al and Si in this steel [24, 25] , we can assume that the remaining carbon atoms can be found predominantly in the retained austenite. The carbon content of the martensite was calculated using the following polynomial equation for the martensite start temperature, Ms [26] :
where in this case:
and for XMn, XSi and XCr we have used the bulk alloy content, since the local alloy content varies from band to band. Given that the materials are subjected to an isothermal bainitic holding treatment at 425°C for 60s prior to quenching to room temperature, austenite grains whose carbon content resulted in an Ms at or above the holding temperature will already have transformed to martensite upon quenching from 820 C to that isothermal temperature (425°C).
Any remaining austenite grains will then be further enriched in carbon through the bainite reaction, thus remaining for the most part in a metastable state at room temperature.
The resulting calculated carbon content in martensite is low enough not to give a significant degree of crystal tetragonality [27, 28] and is consistent with the minimum carbon content in austenite of 0.444 wt.% required for it to remain metastable at room temperature [29] .
It is worth noting that the calculated carbon content of the martensite phase in the banded and non-banded variants in the CRA condition does not differ significantly. However, the calculated carbon content of the austenite phase of the banded variants is considerably higher than in the non-banded variants, which will increase the mechanical stability of this phase.
The retained austenite fractions of the NS-NB and S-B variants were also measured at the UTS (fγ(UTS)) and the ratios thereof to the original phase fractions (fγ0) are also given in the table.
3.3.Mechanical behaviour
The equivalent stress-equivalent strain curve for each variant at room temperature is shown in Fig. 5 , and the principal mechanical properties are given in Table 4 . All variants present a similar mechanical response up to the onset of plastic deformation. The post-yielding properties of the four variants are also relatively close, except for ultimate tensile strength (UTS), which was consistently higher in the non-banded samples than the banded samples.
From Table 3 we can see that the average grain size of the ferrite phase, Dα, in the CRA condition does not vary significantly across the different microstructural variants, and hence the related Hall-Petch grain boundary strengthening, σy(HP), according to [31] : The sample with highest strength (UTS) and lowest uniform elongation (Au) is the NS-NB sample, which also contains the highest volume fraction and lowest average carbon content of retained austenite. Based on these results, it seems that the volume fraction and overall mechanical stability of the retained austenite are not the only parameters controlling the ductility in banded DH steel structures. 
Discussion
The intercept method for determining the so-called proof stress that characterises yielding, as recommended in international standards [32] , can lead in this case to significant errors due to the very high work hardening rate of these DH steels, especially in the early stages of plastic deformation. However, the pre-yield behaviour appears to be similar for each of the microstructural variants. This pre-yield behaviour, which is due to reversible dislocation glide [30, 33] , is manifested by a drop in the work-hardening rate below the theoretical maximum for a perfectly elastic material, as the applied stress approaches the yield stress. In order to determine accurately the yield stress of these steels, it is necessary to find the transition from the pre-yield, reversible glide regime into irreversible plastic deformation. This pre-yield behaviour is best illustrated using an extended Kocks-Mecking (eK-M) plot of the workhardening rate as a function of the nominal equivalent stress [11, 34] . representation of the work-hardening rate, Θ = dσf/dε vs. the flow stress σf, [35] [36] [37] . By definition, the flow stress is the sum of the yield stress σy and the work-hardening contribution σw:
By extending the curve to include the pre-yield region (σ < σf) and plotting the data against the nominal equivalent stress, see Fig. 6b , we can also derive information regarding the initial dislocation structure. This curve also shows two branches of different slope, with a relatively sharp transition point between them. The approx. linear high-stress part of the KMplot describes the plastic behaviour of the material; the low-stress branch on the other hand, provides information on the pre-yield behaviour of the material, and thus on the dislocation structure. This is related to the anelastic work-hardening rate (Θa) as follows [30, 33] :
where M ‾ is the Taylor factor and equals 3.06 [38] , E is the elastic modulus whose value is collected in Table 4 for each of the variants, ν is the Poisson ratio of ferrite and takes a value of 0.29 [39] , ρ is the dislocation density, L is the effective dislocation segment length and s is the ratio of the yield stress to the critical stress, σc, for generation of dislocations from a Frank-Read source given by:
with G, the shear modulus = 81 GPa [40] and b, the modulus of the Burgers' vector of ferrite = ½a<111> = 0.248 nm. By combining equations (8) and (9) we can fit the work-hardening behaviour of the different variants from Fig. 7 to derive, and thereby compare the initial dislocation structures. The fit parameters are the effective dislocation segment length, L and dislocation density, ρ, which are given in Table 4 for each variant. Since the dislocation segment lengths in a real material form a distribution, this will result in a range of applied stresses at which dislocations will be activated as Frank-Read sources: longer segments at lower stress, shorter segments at higher stress. The extension of the yield-stress range is, thus, directly related to the width of the segment-length distribution: a wider segment-length distribution will cause a more gradual transition between the pre-yield and post-yield ranges in the extended Kocks-Mecking plot. The parameter L should therefore be regarded as an effective segment length related to the effective average yield stress. This approach for deriving the parameters was verified by Arechabaleta et al. by comparing the data from a tensile test to X-ray diffraction measurements [30] .
As σ approaches σc, dislocation segments are activated as Frank-Read sources and the pre-yield behaviour of Eq. (8) changes into the plastic Stage-III behaviour. This transition, clearly present in the extended KM-plot of Fig. 6b , is the physical definition of the yield stress σy. This value can be thus correctly interpreted as the critical stress for generation of dislocations from a Frank-Read source i.e. σc = σy. If the pre-yield behaviour consisted solely of linear elastic deformation, then given the generally accepted value of the elastic modulus of the undistorted lattice in steel of 210 GPa [40] , the maximum work-hardening rate in the pre-yield regime of a purely elastic material would achieve this value, with a sharp drop at the yield stress. Instead, the initial part of the plot gradually decreases, with a slope that is significantly higher than that of the plastic Stage-III hardening (Θpost) which according to classical dislocation theory follows a linear relationship [41] : (10) where U and Ω are the dislocation storage rate and dynamic recovery rate, respectively, G is the elastic shear modulus, b is the Burger's vector, σw is the work-hardening contribution to the flow stress, M ‾ is the Taylor factor and α is a material factor related to the dislocation density and distribution.
The extended Kocks-Mecking plot for each microstructural variant is shown in Fig. 7 .
The data was smoothed using a 5-point quadratic polynomial filter [42] . The data in both Table   4 and Fig. 7 show that there is no clear correlation between microstructural banding and the values for the dislocation density, effective segment length, elastic modulus and yield strength.
The observed difference in mechanical behaviour is not significantly affected by the dislocation structure and pre-yield work-hardening behaviour of the original ferritic matrix. The workhardening rate of the different variants lies close to one another at very low stresses. After the maximum value of the work-hardening rate has been reached, it then drops below the theoretical 22 maximum for a perfectly elastic material (Young's modulus, E), due to reversible dislocation glide [30, 33] as the applied stress approaches the yield stress, which is thus back-calculated from the minimum value of the work-hardening rate. The difference in mechanical properties of the different variants can be explained by examination of the work-hardening rate in the post-yield (plastic) regime, see inset of Fig. 7 .
Firstly, the work-hardening rate of the banded variants do not show clear minima and instead exhibit the gradual transition from pre-to post-yield work-hardening more typical of dual phase steels without retained austenite [11, [43] [44] [45] . The gradual transition is the result of equalisation of stresses between the martensite and ferrite phases. As demonstrated by Tasan et al. [6] in a banded DP steel, the effect of the martensite bands is to localise the strain into the ferrite phase between the bands. This will induce deformation in the ferrite phase without necessarily activating the mechanical transformation of austenite. By contrast, the non-banded variants show the distinctive rise in work-hardening rate at the yield point associated with the austenite transformation [11] .
Moreover, the post-yield work-hardening rate is higher for the non-banded steels than for the banded variants, although the slopes of the work-hardening curves of all variants are parallel i.e. a higher contribution of work-hardening stress due to the transformation work.
Furthermore, the carbon content of the austenite in the banded variants is significantly higher than in the non-banded variants. This will result in higher mechanical stability of this phase [46, 47] , and therefore to a lower contribution to the work-hardening rate in the post-yield region. This is supported by the significantly higher fraction of retained austenite remaining at the UTS of the banded variant S-B than in the non-banded variant NS-NB which explains the significantly lower UTS in S-B compared to NS-NB.
Conclusion
In this work, we have shown how the application of segregation profiles inherited from the casting process in a 3D cellular automaton model can be reliably used to predict the microstructure of a dual phase steel with improved formability at different stages in the production. Despite the simple 1D description of the chemical segregation in the model, it captures adequately the sheet nature of the martensite grains in the resultant microstructure.
Mechanical testing was carried out on samples treated to achieve different combinations of segregation and banding, and the results show a significant reduction in tensile strength in banded steels for a similar level of ductility. The work-hardening behaviour in the pre-yield regime, including the yield strength itself, is not correlated to the incidence of segregation and/or microstructural banding. We demonstrate that the reduction in ultimate tensile strength in banded microstructures is the result of a reduced work-hardening capacity in the post-yield regime. This is due to an increased austenite stability in the banded steels, coupled to the anisotropic strain localisation in the ferrite matrix between the martensite bands.
